of the void was not considered, and the mechanics was neglected. Because the calculated growth time was larger by several orders of magnitude than in experiments, 17 the ability to explain void formation by the Kirkendall effect was doubted. It is proposed in ref 17 that tensile pressure in the core is developed due to misfit strain between the metal and oxide, and that causes void nucleation. In ref 18 , nucleation of the nanovoid caused by tensile stresses due to misfit strain was considered without diffusion. However, refs 17 and 18 neglect surface tension and stresses, which in fact produce large compressive pressure in a core (see below). Void nucleation in elastoplastic material under tensile stresses due to sublimation, sublimation via virtual melting, and fracture are considered in refs 19À21. In phase-field approaches, 22, 23 void nucleation occurs via spinodal decomposition for a very large concentration of vacancies or due to cavitation; 24 the results 19À24 are not applicable to our case. Thus, the mechanism of void nucleation and growth is currently not clear. In this study, we developed a simple continuum approach for nucleation and growth of a nanovoid in reacted NPs that includes consideration of coupled core material reaction, diffusion of vacancies, diffusion of the core material in the reaction product shell, stress generation, and moving void and external surfaces. While equations are formulated for the general 3-D case, to obtain a simple and tractable solution, we consider a ' 
GOVERNING EQUATIONS
Since we apply our model to metal oxidation, we will henceforth call the core a metal and the shell an oxide. While often multiple voids nucleate near the core/shell interface, 8, 25 we placed the void at the center, similar to all previous works. Three different stages will be considered: (1) before void nucleation, (2) with all three regions, and (3) after the metal core has disappeared ( Figure 1 ). According to experiments, 5 it is assumed that oxide and oxygen do not diffuse into the metal and that R c = constant. Also, oxidation reaction xM + 0.5yO 2 f M x O y occurs at the external surface only. Below, subscripts i = 1 and i = 2 refer to metallic atoms in the core and shell, respectively, subscript s means symmetrization of a tensor, a center dot and colon mean contraction and double contraction of tensors or vectors, which are designated by boldface letters, 3 and 3 2 are the gradient and Laplacian operators, and I is the unit second-rank tensor.
Two diffusion equations are needed to model the diffusion of atoms in the shell and core. Furthermore, the void and outer surface of the NPs grow due to the vacancy annihilation and chemical reaction, respectively. The growth velocities of these surfaces are obtained by the conservation of mass. In this section, the coupled mechanical and diffusion equations as well as equations for growth velocities are derived. While there is a significant change in shape due to mass transport, strains are considered to be small, which is confirmed by calculations. For simplicity, the temperature is assumed to be constant during the modeling. Due to the smallness of the strains, there is no need to distinguish between undeformed (reference) and deformed (actual) volumes. The interstitial and substitutional diffusion equations can be found, e.g., in refs 26À28. We added explicit pressure dependency of the diffusion coefficients and actual vacancy concentration dependence of the self-diffusion coefficient to the classic equations.
Diffusion in the Core. The description of self-diffusion of atoms in a core requires consideration of two components, vacancy and metallic atoms.
Flux. In the framework of linear thermodynamics, one can derive the proportionality relation between the diffusive flux j and its conjugative driving force, the gradient of the chemical potential:
where μ 1 and μ v are the chemical potentials of metallic atoms and vacancies, ψ is the free energy per unit volume, c 1 and c v are the molar concentrations (i.e., number of moles per unit volume) of metallic atoms and vacancies, and b 1 is the atomic mobility. The derivatives in eq 1 are evaluated at fixed strain tensor ε and temperature Θ. While it is convenient to perform some derivations using c 1 and c v , the final results are more tractable in terms of n 1 and n v , the molar fractions (i.e., number of moles of a specie per total number of moles) of the metallic atoms and vacancies in the core. They are related by n 1 = c 1 /c, n v = c v /c, c = c 1 + c v , and n v = 1 À n 1 . 29 By definition, the molar volume of a metal with vacancies is V = 1/c. 29 Due to the small concentration of vacancies and corresponding small change in volume due to vacancies, the molar volume of metal V m = V ; due to small elastic and thermal strains, we assume that these molar volumes are constant. Thus, n 1 = V m c 1 and n v = V m c v . Therefore, eq 1 can be rewritten as 
where R is the gas constant, μ 1°a nd μ v°a re the standard chemical potentials of metallic atoms and vacancies, E is the elastic modulus tensor, ψ d and ψ mech are the free energies of an ideal solution and strain energy per unit volume, and ε e is the elastic strain tensor. The total strain tensor is decomposed to the diffusional ε d , thermal ε Θ , and elastic ε e parts:
where α 1 is the linear thermal expansion coefficient of a core, ΔΘ = Θ À Θ r (Θ r = 300 K is the room temperature), ω v 0 is the The Journal of Physical Chemistry C ARTICLE volumetric diffusion expansion coefficient of vacancies in the metal, and c v0 eq is the equilibrium molar concentration of vacancies at the initial pressure and simulation temperature. According to the definition of the chemical potential eq 1
After substitution of eq 3 into eq 5, the chemical potential can be written as
We took into account that σ = ∂ψ mech /∂ε e is the stress tensor, ∂ε e /∂ε d is the negative fourth-rank unit tensor, (∂ψ The diffusional strain can be rewritten as
, and n v0 eq for the equilibrium molar fraction of vacancies at the initial pressure and simulation temperature. Then the chemical potential is
Substituting eq 7 into eq 2, we obtain
Next we elaborate on the equation for the atomic mobility for the substitutional diffusion in the nonequilibrium state:
Here D 1 eq = D 1 0 exp(À(E 1 a + pΔV 1 /RΘ)) = D v n eq is the self-diffusion coefficient at the equilibrium concentration of vacancies n eq (D 1 0 , E 1 a , and ΔV 1 are the pre-exponential factor, activation energy, and activation volume of diffusion in the core, respectively) and D v is the diffusion coefficient of the vacancies. Therefore, the mobility depends on the pressure, temperature, and vacancy concentration. After substitution of eq 9 into eq 8, the flux is rewritten as
Equilibrium Concentration of Vacancies. The equilibrium concentration of vacancies is
where H v f , S v f , and G v f are the enthalpy, entropy, and Gibbs energy of vacancy formation. At the interface with a curvature 1/r, the Gibbs energy is changed by
where γ is the surface energy and V f = (1 À f)Ω 1 is the formation volume of a vacancy (Ω 1 is the atomic volume of the metal and f is the vacancy relaxation factor). Taking into account eq 12 and
where E v f is the formation energy of a vacancy, the equilibrium concentration of vacancies can be written as
For the bulk, the effect of the surface energy (curvature) and the last exponent in eq 13 disappear:
Mass Balance. The mass balance equation for diffusing species is _ n 1 + V r 3 j 1 = 0, 32, 34 and with V = V m and eq 2, we obtain
Substituting eq 10 into eq 15, the diffusion equation is obtained:
Since r(D 1 eq /n eq ) = À(D 1 eq ΔV /RΘn eq )rp, with ΔV = ΔV 1 À V f , the diffusion equation can be rewritten as
Diffusion in the Shell. In the shell, the metallic atoms are diffusing species and oxide atoms act as a matrix. For interstitial diffusion, the flux is defined in the same way as in eq 2: The Journal of Physical Chemistry C ARTICLE where the subscript 2 is for metal atoms in the shell. The atomic mobility is
The free energy per unit volume for a stressed ideal solution is similar to eq 3: 
where V s is the molar volume of a matrix (oxide). Flux. Combining eqs 18, 19, and 21, the flux of diffusing atoms in the shell can be expressed as
Mass Balance. The mass balance equation for metal atoms in the shell is
Substituting eq 22 into eq 23, we obtain the diffusion equation:
Mass Balance for the Outer Surface. When the metal atoms reach the outer surface and react with the oxygen, it is assumed that the reaction rate is infinite; i.e., all metallic atoms that reach the outer surface react with oxygen instantaneously and form the oxide layer on the outer surface. If metallic atoms will deposit on the external surface without reaction, then the outer boundary normal velocity v = J 2 3 n, where n is the unit outer normal to the interface. For a general oxidation reaction, xM + 0.5yO 2 f M x O y , instead of the volume of x moles of metal, xV m , one obtains the volume of 1 mol of oxide, V s . Thus
Mass Balance for the Void Interface. The velocity of the void interface is
where superscript "À" denotes a core and "+" indicates a void. The vacancy concentration in the void region n v + = 1 and near the void surface n v À = n eq according to boundary conditions; additionally, J v + = 0. In the core, the metallic atoms exchange their positions with vacancies. Therefore, the flux of vacancies is equal to the negative flux of metallic atoms:
Also, the unit normal vector on the void surface is negative. Substituting eq 27 into eq 26, one obtains the velocity of the void growth:
' COMPLETE COUPLED SYSTEM OF EQUATIONS Below we will collect only those equations that are used in numerical simulations for spherically symmetric problem formulation.
(1) Diffusion of metallic atoms in the core:
(2) Diffusion of metallic atoms in the shell:
(3) Equilibrium concentration of vacancies in the bulk:
(4) StrainÀdisplacement relationship and strain decomposition: The Journal of Physical Chemistry C ARTICLE (5) Hooke's law, pressure, and equilibrium equation:
The coupled system of eqs 29À33 is solved numerically for the three different stages in our problem: (1) before void nucleation, (2) with all three regions, and (3) after the metal core has disappeared ( Figure 1 ). The following boundary conditions are applied in each stage.
(1) Before void nucleation:
at r ¼ 0:
(2) With all three regions:
(3) After the metal core has disappeared:
For all cases, the fluxes are
n max is the maximum solubility of metal in the oxide. Equations 34À36 contain continuity of displacements and fluxes of metal atoms, as well as jump conditions for radial stresses σ r . The condition n 2 = 0 at r = R s is the consequence of the assumption of an infinite reaction rate. Indeed, as soon as metal atoms appear at the external surface, they are consumed by reaction. The condition in eq 35 for the vacancy concentration n v means that at the void surface it is always equal to n eq , similar to the results in ref 15 . In addition to the dependence of n eq on the temperature and surface, we took into account the effect of the pressure p, which, as was shown, is very important.
Initial Conditions. As an initial state, we consider a core/shell system without a void at a chosen temperature Θ, which produces initial stresses σ in (in particular, pressure p in ) due to different thermal expansion coefficients of the core and shell. In addition 47 , the diffusion coefficient of Al in various types of alumina (amorphous and crystalline) has been determined for particle radii from 2.8 to 4 nm and oxide shells from 1 to 2 nm using molecular dynamics. For 1000 K, the value of D 4 = 10 À5 cm 2 /s has been obtained. In ref 48 , D = 4 Â 10 À9 cm 2 /s at 873 K was obtained to fit the oxidation time of a nanoparticle to the experimental value of 1 s. Independent of significant scatter, the drastic increase in the diffusion coefficient for the nanoscale particles and shell is clearly visible.
Thus, these parameters, D 2 and n max , will be found by fitting experiments. First, we found D 2 (373 K) = 10 À18 m 2 /s and n max = 0.009, which give good consistency with the experimental data on the oxide thickness δ = R s À R c vs time t for a particle with R c = 9.05 nm at Θ = 373 K. Second, keeping n max , the diffusion coefficient D 2 of Cu in Cu 2 O was varied to fit the experimental 
' VOID NUCLEATION CRITERION
At the moving void surface of radius a, we assumed that the vacancy concentration n v is always equal to its equilibrium value n eq , similar to the results of ref 15 . In addition to the dependence of n eq on the temperature Θ and surface energy γ in ref 15 , we took into account the effect of pressure p(a) at the void surface (eq 35), which, as will be shown below, is very important. We will define the supercritical void as the void that can grow, i.e., when n eq at its surface is smaller than n in the surroundings. Then vacancy flux will be directed toward the void and cause its growth. The radius of the void, which represents the q-vacancy cluster, is determined by a = r v q 1/3 . This approximation shows good correspondence with the data in ref 35 for stable three-and fourvacancy clusters in Cu. Plots of the equilibrium concentration of vacancy n eq (eq 35) at the surface of the void consisting of q vacancies vs temperature for several values of q and pressure are shown in Figure 2 . The smaller value n eq has the larger probability of void nucleation, because it is easier to reach and exceed this value in the surroundings of a void. The main counterintuitive conclusion coming from Figure 2 is that compressive pressure promotes supercritical void nucleation. Indeed, general wisdom is that pressure suppresses void formation. However, in our case, pressure, reducing n eq at the void surface, promotes transport of vacancies toward the void, causing void growth. Note that the promoting effect of pressure on void nucleation, based on a completely different consideration, was found in ref 49 . It follows from eq 35 that at Θ = 323 K and p = 0.716 GPa (which corresponds, e.g., to a free particle with R c = 9.05 nm and R s = 11.55 nm), allowing for pressure reduces n eq by a factor of 3.8. Also, temperature suppresses supercritical void nucleation.
Below, we connect the external pressure p e and pressure at the void surface, assuming homogeneous distribution of n 1 and n 2 . First, an elastic solution for a hollow sphere 50 results in the following pressure distribution in the core:
where σ r 1 is the radial stresses in the core. For nucleation W , 1 and one obtains p(a) = Àσ r 1 (R c ), which is independent of the surface tension at the void surface. Thus, a very small void, while changing all stresses, does not change the pressure in a core and keeps the pressure in a core homogeneous. To connect the external pressure p e with pressure in a core, we can use the equation for a solid core/shell system:
K i and G i are the bulk and shear elastic constants. Equation 40 allows one to predict the effect of various particle parameters, external pressure, and temperature on the pressure in the core for small void size (in particular, during nucleation) and, consequently, on the nucleation condition. Thus, external pressure essentially increases p, but this increase reduces with m. n 1 and n 2 decrease p, and this decrease grows with m. Also, a temperature rise slightly increases pressure, and this rise grows with m. An increase in particle size reduces the pressure contribution due to surface tension, which is the only pressure source for p e = 0.
' NUMERICAL METHOD
The finite element method code COMSOL Multiphysics was utilized to iteratively solve the coupled system of eqs 29À33 for each time step. Displacement and concentration fields have been considered as primary variables. Solutions of the equations of elasticity theory for given n 1 and n 2 distributions have been obtained using the Structural Mechanics module of COMSOL at each time step. After nodal displacements are found, strains and stresses (including pressure) can be found using eqs 32 and 33. The pressure field was used for solutions of diffusion eqs 29À31 for the same time step in the main module of COMSOL Multiphysics. After increments of a and R s were obtained by integrating eq 35, the geometry was updated using the Arbitrary LagrangianÀEulerian (ALE) technique. Quintic Lagrangian elements are used for both the mechanical and diffusion equations. The total number of integration points was 1290, and the time step varied from 0.001 to 0.15 s in different stages.
Note that all of the main types of pressure distributions for each of the three stages were compared with the developed analytical solution and that the results are in very good correspondence. Our analytical solution generalizes this in ref 51 for the case with the prescribed heterogeneous n 1 and n 2 distributions, which was taken from numerical simulations.
' VOID AND OXIDE GROWTH Oxide Growth. We simulated the oxidation and hollow formation and growth for three temperatures (323, 343, and 373 K) and four NP core radii (4.26, 9.05, 11.5, and 15.9 nm) with an initial shell thickness of 2.5 nm. 5 For R c = 9.05 nm at Θ = 373 K, when n v at the center reaches n eq = 0.0154, a four-vacancy nanovoid is introduced at the center of the NP. Comparison of the results of numerical simulation for the oxide layer thickness h s vs time for Cu particles of four different sizes with experiments in Figure 3 shows very good consistency; one has to keep in mind significant scatter in particle sizes and shell thicknesses in the experiments. Note that the final oxide thickness is determined by the mass balance, which is satisfied in our simulations. Thus, discrepancy with experiment in the final oxide thickness is related to an error of the presentation of experimental results.
Pressure and Vacancy Distribution for a Solid Core/Shell Structure. Distributions of the concentration of vacancies in a solid core and Cu atoms in a shell are presented in Figure 4 for R c = 9.05 nm at Θ = 373 K. Since Cu atoms diffuse to the shell and react with oxygen, vacancies are generated at the core/shell interface and diffuse to the core center. Both distributions increase in time until 16.5 s, and n v at the center reaches n eq = 0.0154, which is determined by eq 35.
The pressure distribution in the core is slightly heterogeneous due to heterogeneous vacancy distribution and reduces from 0.71 to 0.68 GPa during 16.5 s due to increasing n v . The pressure distribution in the shell is also slightly heterogeneous, and its maximum increases from 0.325 to 0.345 GPa due to increasing n 2 .
Pressure and Vacancy Distribution for the Void Growth Stage. After n v at the center reaches n eq = 0.0154, a four-vacancy nanovoid is introduced at the center of the NP. The results are presented in Figure 5 . With increasing time, vacancies are absorbed by the growing void, and the core becomes smaller until all Cu atoms diffuse to the growing shell. Initially, the sharp reduction in n v causes fast void growth, which decelerates with time ( Figure 6 ). Initial fast growth is caused by the strong reduction in the equilibrium concentration of vacancies at the void surface with increasing void radius and by the small initial void size. The pressure becomes more homogeneous in the core with increasing time and increases from the initial 0.716 to 1.9 GPa at 1 ks. Note that pressure increases with growing a/R c and decreases with growing R s /R c , but the former is larger than the latter. Such a pressure increase decreases the self-diffusion coefficient of Cu by a factor of 5. Also, pressure increases in the shell from the range of 0.324À0.347 GPa to 0.461À0.484 GPa. Note that the pressure gradient term in the diffusion equations promotes diffusion of Cu in the shell, but suppresses diffusion of vacancies. The resultant effect is promoting; when the pressure gradient term is neglected, the time for formation of the maximum-size hole increases by 71 s.
Hollow Oxide. When the metal core disappears, the remnant Cu atoms in a shell diffuse to the outer surface and react with oxygen, until complete disappearance of Cu atoms. This process takes about 100 s with deceleration in time. Pressure reduces at the void surface from 0.515 to 0.499 GPa, increases at the external surface from 0.495 to 0.499 GPa, and finally becomes homogeneous. The final pressure is caused by surface tension.
' COMPARISON WITH EXISTING APPROACHES
There are several main differences between our approach and results and those in refs 17 and 18 which allowed us to obtain good comparison with experiments and to elucidate the void nucleation and growth mechanisms.
(1) In the general case, one has to include misfit volumetric strain due to chemical reaction, as in refs 17 and 18. In refs 17 and 18, because of misfit strain and neglected compressive stresses due to surface tension, huge tensile stresses in a core (and compressive stresses in a shell) appeared, which led to the idea that they can cause void nucleation due to fracture. However, because in our problem the reaction occurs at the surface (rather than in the bulk) and the interface between the metal and oxide is incoherent, internal stresses due to chemical reaction are negligible. For example, an aluminum oxide shell is amorphous below some thickness (4 nm), and thus, the interface is incoherent and does not generate internal stresses. Even for a crystalline shell, for Al particles with R c = 20À40 nm and a shell growing during chemical reaction to m = 1.76, lattice spacing in Al did not differ from that in the bulk sample; 52 i.e., internal stresses are negligible. That is why we excluded misfit strain but included surface tension, which resulted in compressive pressure both in the core and shell and in elimination of the fracture hypothesis. (2) The suggested void nucleation criterion shows that, surprisingly, compressive pressure promotes void nucleation. (3) We took into account that the self-diffusion coefficient is proportional to the actual (rather than equilibrium) concentration of vacancies, which increased it at the initial stage by 12 orders of magnitude. We also took into account that the diffusion coefficient of metal in oxide at the nanoscale is much larger than in bulk material.
' CONCLUDING REMARKS
A continuum-mechanochemical approach for nucleation and growth of a nanovoid in reacting NPs is developed that treats explicitly void nucleation and the effects of stresses. A counterintuitive effect of pressure on nucleation is found. Experimental results for Cu NPs are described. On the basis of obtained results, the following regimes can be used to accelerate void formation and make it possible in micrometer-scale particles. Initially, high temperature at zero pressure should be applied to accelerate diffusion and reach the desired level of n v . Then temperature should be reduced, and pressure may be applied to reduce n eq and cause void nucleation. After the void reaches the size corresponding to low-enough n eq , pressure should be removed and temperature increased to accelerate diffusion. Accordingly, to suppress void nucleation by the above mechanism, one has to increase temperature and tensile pressure, and to suppress void growth, one has to reduce temperature and apply compressive pressure. A similar continuum framework can be used for modeling the nanotube fabrication on the basis of the Kirkendall The Journal of Physical Chemistry C ARTICLE effect. 53 Note that it is understood that application of continuum methods to such small nuclei can be questioned. However, continuum concepts are successfully applied even to a single vacancy (see ref 54 and the concept of the center of dilatation) and are routinely used in nucleation theory for a critical nucleus consisting of a few atoms (see examples in ref 19 ' REFERENCES T he problem of the mechanisms of void nucleation in nanoparticles and related problem of the stresses and their relaxation in nanoparticles are of significant importance and far from being resolved. It is not surprising that there are several approaches with different and, in the given case, opposite assumptions. Thus, in ref 1, surface tension is neglected, and volumetric strain due to oxidation is introduced in the oxide shell. It is stated that for linear lattice mismatch α ≥ 0.3 large tensile stresses in a metal core are sufficient for void nucleation.
1. Let us estimate radial stress in a metal core required for void nucleation according to eq 14 in ref 1
where E, σ, R, R m , and α are the Young modulus, Poisson's ratio, core radius, radius of bare particle, and linear mismatch parameter, respectively. Taking E = 100 GPa, σ = 0.3, and neglecting (R/R m ) 3 to get the higher stresses required for nucleation, the authors 1 found that void can nucleate at α = 0.3. Substituting these parameters in eq 1, one obtains that the tensile radial stress necessary for void nucleation is σ rr = 28.6 GPa, which is much above the theoretical strength. For Cu, the change in volume during oxidation is J = V ox /V m = (1 + α) 3 = 1.65, where α = 0.18. For one of the Cu particles that we consider in ref 2, the core radius was 9 nm, and the initial shell thickness was 2.5 nm. Since void nucleation occurs at the very initial stage of oxidation, we determine for these parameters that R = 9 and R m = 10.63 nm (R m is obtained based on eq A.5 in the Appendix). Substitution of these values in eq 1 along with E = 128 GPa and σ = 0.34 gives σ rr = 9.15 GPa, which is 2.93 times smaller than that required for void nucleation. Since stress contributes as a factor of σ rr −4 to the activation energy, reduction in σ rr by a factor of 2.93 increases activation energy by a factor of 73.7, which makes nucleation completely unrealistic. For Cu particles with a core radius of 15.9 nm and shell thickness of 2.5 nm in ref 2 (R = 15.9 nm, R m = 17.48 nm), the radial stress is 5.76 GPa which increases the activation energy by a factor of 468.65. For Al, J = 1.25 and α = 0.077, which with E = 70 GPa and σ = 0.35 results in σ rr = 5.53 GPa even for neglected (R/R m ) 3 and increases activation energy by a factor of 551.62.
In addition, the required stress of 28.6 GPa causes volumetric expansion of 0.2. Such an expansion and α = 0.3 are significantly above the range of applicability of the linear elasticity theory and eq 1. When elastic nonlinearity is taken into account, one needs even larger α to obtain the same stresses. And finally, the size of a critical void in ref 1 at α = 0.3 is 0.16 nm, which is less than the radius of a vacancy in Cu of 0.199 nm. 3 Why does one need all these troubles with unrealistically large tensile stresses, when we just can introduce a single vacancy?
Since one of us recently published a number of papers on nanovoid nucleation under tensile stresses due to fracture, sublimation, sublimation via virtual melting, and evaporation, 4−6 based on a similar kinetic approach like in ref 1 but with allowing for plasticity, large strains, and surface tension, we also applied a similar approach to void nucleation in reacting nanoparticles, based on more advanced equations than in ref 1. However, due to the above reasons, we decided that this scenario is completely unrealistic. We did not want to discredit ref 1, which is why we did not include our numerical estimates in ref 2, but now we are forced to do this.
2. Does change in volume due to chemical reaction cause large tensile stresses in a core of a nanoparticle and compressive stresses in a shell or do they relax? Note that at the nanoscale diffusion coefficients are much higher; see some data in ref 2. Even at the low temperature mentioned in ref 7, diffusion was fast enough to transport the entire metallic core outside the initial shell. Such fast diffusion at the time scale of oxidation can cause stress relaxation during chemical reaction, similar to that observed in ref 8 at higher temperature.
Traditional technologies for passivation of Al particles consist of holding synthesized bare nanoparticles at room temperature in oxygen or air. Thus, if we include volumetric transformation strain and neglect stress relaxation, the core of all nanoparticles should be under high tensile pressure, estimated by eq 1. Thus, we obtain for Al nanoparticles (α = 0.077, E = 70 GPa, σ = 0.35, and R = 50 nm) that σ rr = 0.61 GPa for R m = 52 nm and σ rr = 1.14 GPa for R m = 54 nm. Such stresses should be easily detected by X-ray; however, in ref 8 lattice parameters at room temperature were the same for bulk Al and nanoparticles with different R and R m . In ref 9, linear compressive strain of 0.017 was detected, which corresponds to an internal compressive pressure of 3.84 GPa in a core. 10 Also, as was mentioned in ref 10, thermal stresses during heating of particles with different R/ R m should be different (see eq 1 in which alpha should be substituted with difference in thermal strains of a metal and a core). However, lattice spacing for samples with different M in ref 8 does not show any appreciable difference between room temperature and 860 K, which means that internal stresses relax even at low temperature.
Also, one of the methods to increase the reactivity of nanoparticle suggested in refs 11 and 12 was based on the increase in temperature T 0 at which the particle is stress free. It was assumed that for purchased particles T 0 = 298 K, because this was their passivation temperature and based on data from ref 8 , that lattice spacing for nanoparticles is the same as that of bulk Al. Prestressing was produced by heating particles to several elevated temperatures, holding them at a temperature for 10 min to relax thermal stresses, and cooling them at several rates to room temperature. For the optimal thermal treatment conditions (heating to 378 K and cooling at 0.13 K/s), the flame propagation speed increased by 31% for nanoparticles and 41% for micrometer particles, which was quantitatively consistent with theoretical predictions. Cooling at 0.06 K/s did not change the flame rate, which was explained by the slower cooling rate which allowed thermal stresses to relax during cooling. Change in stress-free temperature T 0 from 298 to 378 K induced at room temperature the thermal tensile radial stress in a core of 0.04 GPa and compressive hoop stress in a shell of 0.74 GPa, which suppressed fracture of the oxide shell, as desired. These results indirectly demonstrate that internal stresses may relax at temperatures as low as in the case for nanovoid nucleation and during a similar time range.
3. The main reason why internal stresses are strongly overestimated when eq 1 is applied is not related to stress relaxation due to diffusion only. The main reason is that the volumetric expansion due to reaction is applied in eq 1 isotropically, i.e., equally in all three directions, considering this transformation strain tensor as a spherical one. In reality, the expansion may occur anisotropically, driven by reduction in internal stresses. Indeed, if the entire expansion in the shell will occur in radial direction, no internal stresses will appear at all. At the macroscale, the anisotropic transformation strain tensor was measured for NiAl and Zr, 13, 14 and the ratio of a strain normal to an interface, ε n , to a strain along the interface, ε t , was ε n /ε t = 87 and 108. Thus, actual mismatch along the interface is approximately 2 orders of magnitude smaller than α. Similar anisotropic transformation strain was discussed in ref 15 for crystallization of amorphous alumina and in ref 16 for a phase field approach to melting. Later, in ref 17, the kinetic equation was derived that determines the deviatoric part of the transformation strain tensor for melting. We are working on a similar approach for oxidation now. Thus, we do not claim that change in volume due to chemical reaction does not produce internal stresses. However, they are 2 orders of magnitude lower than predicted by eq 1 (or more advanced eqs 40 and 41 in ref 2). That is why it was more accurate to ignore them, when we formulated and solved the problem on nanovoid nucleation and growth, than to introduce them as an isotropic mismatch strain.
4. Concerning our assumption that vacancies form a hollow at the center of a particle, why do vacancies not annihilate at the metal−amorphous oxide interface? An amorphous interface is observed for Al for interface width below 4 nm. 18 For Cu, we did not find references that the interface is amorphous. We stated in ref 2 that while often multiple voids nucleate near the core/shell interface 19, 20 we placed the void at the center to obtain a simple, one-dimensional model, similar to all previous works. Very little is known about the structure of the metal− amorphous oxide interface for a nanoparticle during oxidation to claim that it serves as a sink for vacancies. In molecular dynamic simulations 21 for Ni−Zr core−shell structure, vacancies nucleated at the incoherent Ni−Zr interface then diffused into the core and formed a void. Due to mixing, the Ni−Zr shell undergoes amorphization, which does not prevent void growth due to generation of new vacancies. Thus, we do not see why the assumption that in some cases the shell is amorphous and interface is incoherent would make our model not self-consistent.
■ APPENDIX
To make an estimate of the stress according to eq 1, we need to determine the initial radius R m of a bare particle that transforms to the core−shell structure with the prescribed oxide shell thickness t and corresponding volume V ox = 4π/3 ((R + t) 3 − R 3 ). This can be done by utilizing the mass balance. For the oxide shell with a volume V ox and mass density ρ ox , the oxide mass, m ox , is 
